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ABSTRACT 
 
Protective coatings synthesized from pseudo-binary metastable transition-metal 
nitride (TMN) alloys account for the majority of the world’s coating market. The 
popularity of these films owes to their intrinsic nanostructure, which are well known to 
enhance physical properties such as hardness and oxidation resistance. Since these alloys 
may be deposited en mass at relatively low costs by physical vapor depositions (PVD) 
processes such as cathodic arc evaporation and reactive magnetron sputtering, 
nanostructured TMN alloys have dominated the market at competitive prices. 
 The origin of the nanostructure in TMN alloys may be traced to the immiscibility 
of the constituents forming the alloy. Pseudo-binaries with large miscibility gaps readily 
undergo spinodal decomposition when exposed to processing temperatures, giving rise to a 
nanoscale composition modulation. Consequentially, appropriately selecting pseudo-
binaries which have maximize miscibility gap may lead to greater enhancements in 
physical properties. In this dissertation, I investigate Zr1-xAlxN alloys, which exhibits a 
larger driving force for spinodal decomposition than the current industry standard, 
Ti1-xAlxN.  
Single-phase epitaxial metastable Zr1-xAlxN/MgO(001) (x ≤ 0.25) thin films  and 
Zr1-xAlxN/ZrN(001) superlattices are grown at 650°C by ultra-high vacuum magnetically-
unbalanced reactive magnetron sputtering from a single Zr0.75Al0.25 target. The AlN 
concentration x is controlled by varying the ion energy (5 < Ei < 55 eV) incident at the 
growth surface while maintaining the ion-to-metal flux ratio constant at Ji/JMe = 8. The net 
incorporated Al flux decreases from 3.4 to 1.1×1014  atoms cm-2s-1, due to resputtering and 
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backscattering of deposited Al atoms (27 amu) from heavy Zr atoms (91.2 amu). High-
resolution x-ray diffraction θ-2θ scans, reciprocal lattice maps, and selected-area electron 
diffraction revealed that all films are NaCl structure with a cube-on-cube orientation 
relative to the substrate, (001)Zr1-xAlxN||(001)MgO. The relaxed alloy lattice parameter varies 
from 0.458 with x = 0.25 to 0.450 nm with x = 0.01. Nanoindentation measurements show 
that hardness decreases from 28.6 to 23.3 GPa, while the elastic modulus increases from 
263 to 296.8 GPa, as x is varied from 0 to 0.25. Z-contrast scanning transmission electron 
microscopy and nanobeam electron diffraction reveal the presence of a spinodal 
nanostructure with a constant characteristic lattice modulation period of 1.1 nm for alloy 
films with x > 0.18. Zr0.75Al0.25N/ZrN(001) superlattices with equi-thick layers have 
hardness H which range from 27 GPa with a bilayer period Λ = 9.2 nm to a maximum of 
29 GPa at Λ = 2.3 nm. 
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CHAPTER 1 
INTRODUCTION, BACKGROUND, GOALS 
 
Cubic B1 NaCl-structure transition-metal nitrides (TMN) are well known for their 
exceptional physical properties, including high hardness, high melting points, high 
electrical conductivity, chemical inertness, and their distinctive gold color. This has 
enabled the use of transition metal nitrides in a variety of applications and industries, 
ranging from decorative coatings to architecture and interior design, to electrodes and 
diffusion barriers in microelectronics, to wear resistant coatings on drill-bits and heavy 
machinery. More importantly, TMNs serve as model systems to study thin-film growth.  
The properties of TMNs are strongly, but not exclusively, dependent on the 
electronic structure of the compounds. Thermodynamic properties such as melting point 
and chemical stability are due to hybridization between transition metal (TM) sp3d2 states 
and N 2p3 states. The hybridization gives rise to bonding and anti-bonding states; the 
latter of which is successively filled with an increasing number of d electrons as the TM 
is chosen from groups between III-b and V-b. For TM pertaining to groups above VI-b, 
anti-bonding states are successively filled, leading to a reduction in the cohesive energy, 
melting temperature and, ultimately to a lattice instability, which renders the rocksalt 
structure thermodynamically unstable for TM above group VIII-b. From the point of 
view of crystal field theory, the octahedral symmetry of NaCl-structured compounds 
splits the bonding and antibonding states into t2g and eg, respectively. Figure 1 is a band 
character plots of the t2g and eg states in ZrN. The figure shows the projections of each 
state onto the band dispersion over momentum space. I performed these calculations 
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using ground-state Kohn-Sham density functional theory (DFT) [1] using full-potential 
linearized augmented-plane-waves  [2]. Contributions to t2g states are primarily from TM-
N interactions, while those to eg states are due to TM-TM interactions. By going from 
group IV-b to group VI-b, or equivalently, by electron doping, the t2g metallic bonding 
becomes successively filled reducing the bond directionality. Consequentially, while 
group VI-b transition metal nitrides boast high fracture toughness and smaller wetting 
angles, group IV-b transition metal nitrides suffer from higher reactivity [3].   
In comparison to transition metal carbides and borides, nitrides are more ductile, 
more stable, have a lower melting point, a larger coefficient of thermal expansion, and 
are relatively soft [3]. 
The introduction of materials complexity, such as the growth of metastable NaCl-
structure TM nitride alloys in order to tailor properties to specific applications, has 
become an active area of research [4–10]. A Zr-Al-N ternary phase diagram, 
representative of all group IV-b TM-Al-N systems, is shown in Figure 2. It is well known 
that AlN is insoluble in group IV-b transition metal nitrides, however by depositing in 
far-from-equilibrium sputtering conditions, cubic group IV-b transition metal nitrides can 
be alloyed with wurtizite-structured AlN to form cubic metastable pseudobinary alloys. 
Due due the immiscibility, the alloy is prone to undergo spinodal decomposition. When 
this occurs, group-IV transition metal nitrides such as TiN and HfN alloyed with AlN 
phase separate giving rise to nanoscale compositional modulations in a variety of 
structures, which have been shown to strongly affect physical properties  [11,12]. Of 
these materials systems, Ti1-xAlxN has been extensively investigated. Less attention has 
been given to Zr1-xAlxN even though it is expected to have the largest driving force for 
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spinodal decomposition. The immiscibility results from a combination of both volume 
mismatch and electronic structure mismatch. In the case of ZrN-AlN, the volume 
mismatch is estimated at 12%, while the electronic mismatch promoting phase separation 
has been attributed to the to the disappearance of nonbonding transition metal states with 
increasing Al content  [13].  
Spinodally-decomposed TM1-xAlxN alloys exhibit increased hardness H and age 
hardening behavior due to coherent strain; however, even larger H increases have been 
reported for TM nitride superlattices beginning with pioneering work on 
TiN/VN(001),  [14] as a function of modulation period Λ.  [15–18]  Other advantages 
offered by TM1-xAlxN alloys include improved oxidation resistance, which has been 
shown to result from the formation of an intrinsic protective Al2O3 layer [19].  
The Greene group has previously shown that the composition of metastable 
Hf1-xAlxN alloys can be modulated in real time during magnetically-unbalanced 
magnetron sputter deposition  [20] by periodically subjecting the growing film to high-
flux low-energy ion irradiation  [11]. The AlN incorporation probability, in this case, 
decreases by over two orders of magnitude as ion energy Ei increases from 10 to 40 eV.  
Figure 3 shows the incorporation probability of AlN, !, into HfAlN as a function of ion 
energy, !!. For this heavy host, they observed a 200% decrease in the AlN incorporation 
probability near the threshold of sputtering. A resputtering yield amplification of this 
magnitude, far from the linear cascade regime, was unprecedented.  
 Here, I address three issues. First I use Zr1-xAlxN, a lighter host-atom ternary alloy 
than Hf1-xAlxN, to probe the resputtering mechanism and the effects of low-energy ion 
irradiation (5-55 eV) during growth of metastable cubic TM1-xAlxN on the film 
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composition. Second, I employ Zr1-xAlxN, due to its large miscibility gap, as a model 
system to study the evolution of spinodal decomposition in TM1-xAlxN films and its 
effects on physical properties as a function of x. Third, I use the results of the first two 
sections to extend the investigation to Zr1-xAlxN/ZrN superlattices SLs grown as a 
function of SL period Λ. H decreases with increasing bilayer period from 2 to 9 nm due 
constriction of dislocations within the lower modulus ZrN layers.  
The results of my research are summarized in the following: I have used low 
energy ion bombardment to control the incorporation probability of AlN into growing 
Zr1-xAlxN(001) alloy films. Despite the smaller mass difference between Ar (mAr = 40.00 
amu) and Zr (mZr = 91.2 amu), than between Ar and Hf (mHf = 178.5 amu), the AlN 
incorporation probability into the growing film still decreased with increasing Ei. The 
decrease however, occurred at a slower rate and at higher energies. I attribute these two 
factors to the inefficient energy transfer in collisions involving particles of dissimilar 
masses and the smaller differential scattering cross-section of the Zr atom in comparison 
with the Hf atom. 
Using this technique, I have grown for the first time epitaxial Zr1-xAlxN(001) 
alloy films on MgO(001) crystals and studied the effect of the micro- and nanostructure 
on the mechanical properties of the films. Using Z-contrast scanning transmission 
electron microscopy and nanobeam electron diffraction, I observed the appearance of a 
percolated network of AlN-rich coherent domains with a constant characteristic 
modulation period of 1.1 nm for AlN concentrations x > 0.18. I attribute the observed 
increase in the alloy hardness by 30% from 23.3 GPa (x = 0.01) to 28.6 GPa (x = 0.25) to 
strain fields introduced with the compositional modulation. 
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Superlattices of equi-thick Zr1-xAlxN/ZrN layers peaked in hardness at a bilayer 
period of ! ≈ 2.3 nm with hardness comparable to Zr1-xAlxN, indicating that for bilayer 
periods below this value, the hardness is dictated by the intrinsic nanostructure of the 
alloy films.  
  




 I deposited all Zr1-xAlxN layers in a load-locked multichamber ultra-high-vacuum 
(UHV) system described in detail by Petrov et al.[25]. The pressure in the sample 
introduction chamber is reduced to less than 5×10-8 Torr (7×10-6 Pa), using a 50 1 s-1 
turbo-molecular pump (TMP), prior to initiating substrate exchange into the deposition 
chamber which has a base pressure of 5×10-10 Torr (7×10-8 Pa), achieved using a 500 1 s-1 
TMP. The system is equipped with two targets. The primary target is a 7.62-cm-diameter 
water-cooled Zr0.75Al0.25 alloy disk with 99.9% purity. In order to reduce the lattice 
mismatch with the MgO(001) substrates, a 6.35-cm-diameter Hf0.45Al0.55 target (99.9% 
purity, excluding 3% Zr, the usual impurity in Hf) is used is used to grow 20-nm-thick 
HfN buffer layers.  [21] Both targets are obtained from Plansee SE (Austria).  
 Film growth was carried out in magnetically-unbalanced reactive magnetron 
sputtering mode [25] at a constant power of 100 W in 5% N2 and 95% Ar mixed 
atmospheres (99.999% and 99.9999% pure N2 and Ar, respectively) at a total pressure of 
20 mTorr (2.67 Pa) with a target-to-substrate distance of 6 cm. The resulting Zr0.75Al0.25N 
alloy deposition rate on grounded substrates is 2.89 nm s-1. I employ a relatively high 
sputtering pressure in order to thermalize sputtered atoms and the majority of ions 
neutralized and reflected from the target.  [22] Thus, the primary energetic particles 
incident at the growing film are ions attracted by the substrate bias. 
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I chose a combination of low-energy ion bombardment (Ei=5-55eV), high ion-to-
metal flux (Ji/Jme = 8), and low temperatures (450℃) to achieve far-from-equilibrium 
sputtering conditions.  
 A combination of Langmuir probe,  [20] deposition rate, and film composition 
measurements demonstrate that the ion-to-metal ratio Ji/JMe incident at the growing film 
remains constant at eight over the ion energy range investigated here, Ei = 5-55 eV. Ion 
irradiation of the growing film is essentially monoenergetic since the charge-exchange 
mean free path is more than an order of magnitude larger than the substrate sheath 
width  [20]. Based upon mass spectroscopy experiments, the ions incident on the 
substrate are predominantly Ar+ ( >95%) with 4% Ar2+; the remainder, < 1% is composed 
of singly-ionized metal target ions, N+, and N2+. [29] 
 The substrates are polished 10×10×0.5 mm3 MgO(001) wafers which are cleaned 
and degreased by successive rinses in ultrasonic baths of trichloroethane, acetone, 
methanol, and deionized water and blown dry in dry N2. Final substrate cleaning consists 
of thermal degassing in UHV at 800 °C for 1 h, a procedure shown to result in sharp 
MgO(001)1×1 reflection high-energy electron diffraction patterns.  [23] Immediately 
prior to initiating deposition, the target is sputter etched for 5 min with a shutter shielding 
the substrate. 20-nm-thick HfN(001) buffer layers are deposited by biasing the substrate 
at -70 V. I chose HfN because of its negligible critical thickness for relaxation, its relaxed 
lattice parameter of ao = 0.443 nm,  [21]  which provides a better match to the MgO, ao = 
0.4212, and reduces the strain in the Zr1-xAlxN overlayers, and is electronically similarity 
to Zr1-xAlxN. Interfaces between like-compounds are predominately coherent; for 
example, TiN/TiB2. All layers are grown at Ts = 450 °C, which includes contributions 
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from plasma heating. Metastable alloys have constant composition and structure up to 0.3  T!  [24]. Given a melting temperature of ZrN of 3253 K, the requirement is well 
satisfied at 0.22 Tm.  
The effect of high-flux low-energy ion irradiation on the composition and 
nanostructure of as-deposited Zr1-xAlxN(001) films is investigated by growing alloy films 
at ion energies Ei between 5 and 55 eV in steps of 5 eV with Ji/JMe constant at eight. As a 
survey, I deposited a single multilayered film where the ion energy was sequentially 
varied from 5 to 55 eV. To measure the individual properties, single layer films were 
deposited at the respective ion energies indicated.  
  




The compositions of as-deposited Zr1-xAlxN alloys and Zr0.75Al0.25N/ZrN(001) 
superlattices were determined by Rutherford backscattering (RBS). The probe beam 
consisted of 2 MeV He+ ions incident at 22.5° relative to the sample surface normal with 
the detector set at a 150° scattering angle. The total accumulated ion dose was 100 µC. 
Backscattered spectra ere analyzed using the SIMNRA simulation program  [26], and the 
uncertainty in reported N/(Zr+Al) ratios is less than ±0.03. The results show all Zr1-xAlxN 
layers to be slightly over stoichiometric, with N/(Zr+Al) = 1.1. The Al/Zr ratio of films 
deposited on grounded substrates is equal to that of the target.  
X-ray diffraction (XRD) θ-2θ scans were obtained using a Philips X’pert MRD 
diffractometer operated with CuKα radiation (wavelength = 0.154180 nm), a Ni filter to 
remove CuKβ reflections, and thin-film parallel plate collimator secondary optics. HR-
RLM images and x-ray reflectivity (XRR) scans were acquired in a second Philips X’pert 
MRD diffractometer using CuKα (0.154056 nm) radiation in line focus mode. The 
primary optics consisted of a parabolic mirror and a two-reflection Ge monochromator, 
while a high-speed line detector served as the secondary optics.  
 The nanostructure and phase composition of as-deposited films were determined 
using high-resolution cross-section transmission electron microscopy HR-XTEM, high 
angle annular dark-field cross-sectional scanning transmission electron microscopy (Z-
contrast XTEM), and nanobeam electron diffraction (NBED) in a JEOL 2010F. For Z-
contrast XTEM images, incoherently scattered electrons from a 0.1 nm probe rastered 
	   10	  
across the specimen were recorded with an annular detector (inner angle >100 mrad). An 
angular dark field detector is used to capture NBED patterns generated by focused, 
parallel, and coherent 50-nm-diameter probe beams. For selected area electron diffraction 
(SAED) patterns, a separate LaB6 JEOL 2100 transmission electron microscope (TEM) 
operated at 200 kV was used.  
 Cross-sectional specimens ere prepared by gluing glass slides to the films and 
cutting vertical sections. Specimen were first mechanically ground to a thickness of ≃ 
30  µμm and then thinned to electron transparency using a Gatan PIPS ion miller with two 
3.5 kV Ar+ beams incident at 8° from below and above the sample. Final thinning was 
carried out in similar conditions at a reduced ion beam energy of 0.1 kV. 
 Hardness H and elastic modulus E values for both Zr1-xAlxN(001) alloys and Zr1-
xAlxN/ZrN(001) SLs were calculated based on the Oliver-Pharr approximation  [27] from 
nanoindentation unloading curves obtained with a sharp Berkovitch diamond tip. 
Reported values are averages over nine indentations arranged in a 3x3 square geometry 
with indentations separated by 10  µμm . In order to minimize substrate effects, the 
maximum load was set to 4mN, corresponding to an indent depth of less than 10% of the 
film thickness.  
  




 It has previously been shown that chemisorbed and physisorbed lighter elements 
(like N) on a heavy target (like W) are preferentially sputtered through direct knock-ons 
of the incident ions, knock-ons by reflected ions, and knock-ons by sputtered matrix 
elements.  [28]. The latter situation prevails only under high-energy ion bombardment 
(300-1000 keV). Berg and Kartadjiev found that the resputtering yield depends primarily 
on the mass of atoms within the target. They observed, using a dynamic version of 
TRIM  [29], T-DYM  [30], that the presence of heavy solutes like W (amu 184) and Pt 
(195 amu) within the target increased the sputtering yields of C (amu 12) and Al (amu 
27)  [31].  
 Near the threshold of sputtering (10-100eV), atomic collisions are, to a good 
approximation, elastic. The energy transferred at each impact, is given by E12 = 1 – K12, 
where K12 is the Compton kinematic factor. Near backscattering angles θ ≈ 180°, K12 
simplifies to [32]: 
 
K!" = 4m!m!m! +m! !                                                                                                                                                                                     (13) 
 
where m!  and m!  are the masses of atoms participating in the event. Under these 
conditions, the resputtering of Al by incident Ar+ (mAr = 39.95 amu) with energy Ei 
becomes possible if Al atoms (mAl = 26.98 amu) are backscattered from heavy host Zr 
atoms (mZr = 91.22 amu) with trivial loss of momentum. The final energies of 
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backscattered Al atoms EF are then described by the product of the initial energy Ei, and 
the two collision energies, EAràAl and EAlàZr, giving EF = 0.30 Ei.  
For resputtering to occur, EF must exceed the cohesive energy of the solid Ecoh. 
The incorporation probability σ of AlN into the growing Zr1-xAlxN film as a function of 
Ei, as shown in Figure 4, is reduced by 89% at an ion energy of Ei = 40 eV. From this Ei 
threshold, I estimate an AlN cohesive energy of Ecoh = 12eV within the ZrN matrix. For 
comparison, Ecoh for Zr and Al metals are estimated from the heat of sublimation at 6.02 
and 3.03 eV, respectively  [33],  while those for ZrN and AlN calculated from density 
functional theory are much higher at 18  eV [34] and 13.2  eV [35],  respectively. Thus, it 
is likely that the mild reduction in σ observed for 5 eV < Ei < 40 eV is due to the 
resputtering of chemisorbed Al species, which have partially formed ionic bonds with 
adjacent N atoms. The large reduction in σ for energies Ei > 40 eV is due to the 
resputtering of fully bonded species. 
Although resputtering of N occurs as well, the high partial pressure of N2 relative 
to the deposition rate compensates the effect by continuously resupplying N to the 
surface through collision induced N!! dissociation. Zr, however, does not resputter. At Ei 
> 50 V, the cohesive energy of the growing AlN-depleted surface effectively increases by 
36% to that of ZrN. Substituting Zr for Al in the collision pathway considered before 
gives a final energy of EF = 0.15 Ei, which leads to a resputtering threshold energy of Ei = 
118 eV. The projected areal densities fully account for the resputtering of Al; no 
resputtering of Zr is expected, as observed. Also shown in Figure 4 for comparison is σ as 
a function of ion energy for a heavier host system Hf1-xAlxN  [11]. The two notable 
differences are the energy at and the degree to which Al atoms are resputtered. For the 
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heavier host, the threshold energy at which resputtering of AlN occurs is 25% lower (Ei = 
30 eV) than that observed for Zr1-xAlxN. This is in agreement with the previous 
discussion, for Al atoms are left with more energy (EF = 0.40 Ei) after backscattering 
from Hf atoms (mHf = 178.49 amu) than from Zr atoms. Second, the resputtering of AlN 
occurs more abruptly at the threshold ion energy for the heavier host. Assuming the 
velocity of the atoms follows the Maxwell-Boltzmann distribution, whose variance is 
proportional to the inverse square-root of the mass of the atom m-1/2, the lower mass of Zr 
compared with that of Hf broadens the distribution by 40%. Moreover, the probability of 
collisions, as described by the differential scattering cross-section, increases with atomic 
number. TRIM simulations show that at Ei = 40 eV only 10% of Ar+ ions are reflected 
from Zr atoms, but 25% for Hf. Consequentially, the resputtering of Al is rendered less 
sensitive to E! in the presence of the lighter host Zr than for the heavier host Hf by the 
additive effects of inefficient momentum transfer, Maxwellian broadening, and 
differential scattering cross sections. 
  




Figure 4a is an XRD ω–2θ scan in range of 81° < 2θ < 97°. Apart from the MgO[004] 
substrate peak at 2θ = 94°, two other peaks are observable in this range overlapping each 
other near 2θ ≈ 85°. Corresponding peaks near 2θ ≈ 42°, not shown here, suggest these 
to belong to the {002} family of peaks from two different phases with two district lattice 
constants. No other peaks were observed over the entire range investigated 10° < 2θ <110°. 
 A HR-RLM of the asymmetric [113] reflection is shown in figure 4b where 
diffraction intensity distributions are plotted as isointensity contours as a function of the 
reciprocal lattice vectors parallel k∥ and perpendicular k! to the surface. Two peaks in 
addition to the substrate one are visible in agreement with the XRD ω–2θ scan. For the 
[113] reflection from an (001)-oriented NaCl-structured sample, the in-plane a∥ and out-
of-plane a! lattice constants were obtained from the HR-RLM through the following 
relations  a∥ = 2/k! and a! = 3/k∥. The relaxed lattice parameter a! is related to these 
and the Poission ratio ν according to: 
 
a! = a! 1− 2ν a! − a∥a∥ 1− ν                                                                                                         (1) 
 
The Poission ratio was assumed constant at the ZrN value of νZrN = 0.19  [36]. Because 
the film is nearly totally relaxed, the assumption introduces an insignificant amount of 
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error (<0.005%) in the calculations of relaxed lattice constant. In this fashion, the relaxed 
lattice parameters corresponding to the two peaks are calculated to be 0.456 nm and 
0.451 nm, respectively.  
 Figure 4c is an RBS spectrum showing two film features, plus the substrate at low 
backscattered energies. The dominant feature with backscattered He atoms ranging from 
1.2 to 1.7 MeV is characteristic of Zr, which appears at high energies due its high atomic 
number  [32]. The increased intensity of this feature ranging from 1.6 to 1.7 MeV is 
indicative of an increase in the atomic concentration near the top layers of the film. 
Indeed, the lesser feature in the middle of the spectrum corresponding to the light Al 
present within the film exhibits an early decrease in intensity at energies exceeding 1.0 
MeV. According to Marion and Young’s kinematic equation evaluated disregarding 
straggling under the experimental setup carried out here, He atoms are predicted to 
backscattered from Al atoms with energies up to 1.1 MeV  [32]. By assuming a bilayered 
structure in which a top ZrN layer and a bottom Zr1-xAlxN (x = 0.25) layer have 
respective projected areal density of 0.9 and 3.0×108 atoms/cm2, I have satisfactorily 
modeled the spectrum to first order as shown in the figure. The buried HfN buffer layer, 
due to straggling, is manifested as a peak centered about 1.35 MeV. 
 Figure 4d shows a Z-contrast STEM image with corresponding line profile taken 
near the top of the multilayer sample. As shown clearly in the line profiles, the top three 
layers divide the bright region of the image into three distinct segments. At constant film 
thickness, the image intensity I scales with the mean square atomic number (Z) of the 
column. Consequentially, each layer, corresponding to different ion energies Ei, appears 
at a different contrast due to variations in the concentration of Zr between the layers. The 
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top layer (Ei = 55 eV) appears the brightest and contains the most Zr, while the 
antepenultimate (Ei = 45 eV) appears the dimmest and contains the least Zr of the three.  
 The relative content of Al obtained from a D-SIMS depth profile through the 
bottom layers distributed in the range 5 < Ei < 35 is shown in figure 4e. The staircase 
descending to the specimen’s surface on the left marks the presence of seven distinct 
layers. With each layer deposited under 5 eV increments of ion bombardment, a 
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CHAPTER 6 
Zr1-xAlxN ALLOY PROPERTIES 
 
  AlN concentrations x obtained from RBS measurements of Zr1-xAlxN alloys 
deposited at ion energies 5 < Ei < 55 eV are plotted in Figure 3. At E!   =   5 eV, film 
compositions are equal to that of the target. In alloys grown with Ei > 5, the AlN 
concentrations decrease with increasing Ei to x = 0.01 for films deposited at Ei = 55 eV. 
From deposition times and areal densities, measured using RBS, the net Al flux decreases 
from 33.8 to 1.1×1013 atoms cm-2s-1 as Ei increases from 5 to 55 eV.  
 XRD θ-2θ scans in the vicinity of the Zr1-xAlxN 002 peaks are shown with 
increasing x in Figure 2. The only observable XRD peaks over the entire 2θ range 
investigated 10° < 2θ < 110° are the 002 and 004 film and substrate Bragg reflections.  
With increasing x, both 002 and 004 film reflections shift from θ002 =39° and θ004 =84° to 
higher angles at θ002 =39.5° and θ004 =85.5°, indicating an increase in the lattice 
parameter. The most intense and narrowest peaks occur near the extremes (x = 0.01 and x 
= 0.25).  
From HR-RLMs about the symmetric Zr1-xAlxN 002 film peaks, shown in Figure 
3 for x = 0.01 and x  = 0.25, I calculate the in-plane ξ∥ and out-of-plane ξ! x-ray 
coherence lengths. ξ∥ and ξ!, which are the measures of crystal mosaicity and thickness 
in their respective directions, are obtained from widths of the 002 film reflection parallel Δg∥ and perpendicular Δg! to the diffraction vector g [23]: 
 
ξ∥ = 2πΔg∥ = λΓ!" cos θ                                                                                                                                                                               (7) 
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and 
ξ! = 2πΔg! = λ2Γ! sin θ                                                                                                                                                                             (8) 
 
where λ denotes the x-ray wavelength, θ is the Bragg angle, and Γ! and Γ!" are the full-
width-half-maxima of the 002 Bragg reflections in the ω and 2θ directions. Γ! and Γ!" 
are corrected for instrument broadening via Gaussian deconvolution  [37]. Figure 7 
shows that both ξ!  and ξ∥  decrease with increasing AlN concentration, reaching 
minimum values of with ξ! = 17.0 nm and ξ∥ = 7.0 nm at x = 0.18 before increasing to ξ! 
= 50.0 nm and ξ∥ = 9.7 nm at x = 0.25. At x = 0.01, ξ! = 68.0 nm and ξ∥ = 12.0 nm. For 
comparison, group-III ScN and group-IV TiN, have ξ!  = 57.0 nm  [38] and 142.0 
nm  [39] and ξ∥ = 15.0 nm and 86.0 nm, respectively. Although there is a larger lattice 
mismatch exists between Zr1-xAlxN(001) alloys and the MgO(001) substrate than for 
TiN(001) and ScN(001) grown on MgO(001), the short x-ray coherence lengths both in-
plane and out-of-plane are indicative of films with high defect concentrations and 
significant mosaicity. 
 Figure 6 shows HR-RLMs around the asymmetric 113 film reflections for 
ZrN(001) and Zr0.75Al0.25N(001). The diffraction intensity distributions are plotted as 
isointensity contours as a function of the reciprocal lattice vectors parallel k∥  and 
perpendicular k! to the surface. The parallel k∥ and perpendicular k! reciprocal lattice 
vectors are related to the peak positions in θ–2θ by:  
 k∥ = 2r! sin θ cos  (ω− θ)                                                                                                                                                          (2) 
and      k! = 2r! sin θ sin  (ω− θ)                                                                                                                                                          (3) 
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where r! is the Ewald sphere radius given by r! = 1/λ. For 113 reflections from an 
(001)-oriented NaCl-structured sample, the in-plane a∥  and out-of-plane a!  lattice 
parameters are given through the relationships a∥ = 2/k! and a! = 3/k∥. For x = 0.01, 
the calculated in-plane a∥ and out-of-plane a! lattice parameter are 0.451 and 0.459 nm, 
respectively, while for x = 0.25, they are 0.445 and 0.455 nm. These values lead to film-
substrate lattice mismatches in and out of the growth directions of 9.0% and 7.1% 
(x=0.03) and 8.1% and 5.8% (x=0.25), respectively. The relaxed alloy lattice parameter a! are related to a||, a!, and the Poission ratio ν according to: 
 
a! = a! 1− 2ν a! − a∥a∥ 1− ν                                                                                                                                                            4  
 
The Poission ratio was assumed constant at the ZrN value of νZrN = 0.19  [36]. In this 
fashion, ao obtained for the alloy films are given in Figure 7. From a!, a||, and a!, the 
residual in-plane ϵ|| and out-of-plane ϵ! strain are defined as: 
 ϵ||   = a|| − a!a!                                                                                                                                                                                                            4a  
and ϵ!   = a! − a!a!                                                                                                                                                                                                          4b  
 
The films are partially relaxed with ϵ|| and ϵ! equal to -1.2% and 0.86% (x = 0.25) and -
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1.0% and 0.68% (x=0.01), respectively. The difference in thermal expansion coefficients 
α of MgO (α = 1.3×10-5 K-1) and ZrN (α = 3.127×10-6 K-1) only account for a 
compressive residual in-plane strain of 0.34%. The additional 0.66% compressive strain 
present within the growing film at the time of deposition is due to atomic peening by 
energetic Ar+ ions  [40]. Low-energy ion-bombardment has been reported to introduce 
film strain in magnetically-unbalanced reactive-magnetron-sputtered ZrN films [41] as 
well as in Ti0.5Al0.5N alloys  [42].  
 The relaxed lattice parameter decreases from 0.4588 nm (x = 0.01) through 0.452 
nm (x = 0.20) to 0.450 nm (x = 0.25). Previously reported lattice parameters for 
Zr1-xAlxN films synthesized by pulsed-laser deposition [43] at ao = 0.461 nm (ZrN) and 
0.453 nm (x = 0.20) and by reactive sputtering at 0.458 nm (ZrN)  [44] are in agreement 
with those measured here. The data points are well described by the solid least-squared-
regression line ao(x) = 0.4588 – 3.22×10-4x, indicating that for increasing x, Al atoms 
occupy Zr sites on the cation sublattice. Végard’s approximation, which extrapolates 
linearly between the lattice parameters of ZrN and c-AlN (ao = 0.4069 nm), is represented 
by the dashed line in Figure 7. The normalized change in relaxed lattice constant ao with 
respect to x may be defined by: 
 
ζ = ddx    a! xa!,TMN                                                                                                                                                                                                  5  
 
where !!,TMN  is the relaxed TMN lattice parameter. From the relaxed alloy lattice 
parametersImeasure an experimental value of ζExpZrAlN  = -7.02, which lies between the 
expected value from Végard’s behavior, ζVégZrAlN = -11.3, and that obtained from density 
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functional theory calculations ζDFTZrAlN = -8.93  [5]. Both Ti1-xAlxN and Hf1-xAlxN alloys 
with measured experimental ζ!"# values of -1.65  [10] and -3.60  [11], respectively, have 
also been shown to deviate positively from the Végard’s law behavior. The larger ! 
observed for the ZrN-AlN pseudobinary system is primarily due to the larger atomic 
radius of Zr, 1.55Å, compared to Ti, 1.40Å,  [45] and to the larger mixing enthalpy of 
Zr1-xAlxN ~0.45 eV per formula unit., compared to Hf1-xAlxN ~ 0.39 eV per formula 
unit  [46].  
A HR-XTEM image of Zr0.75Al0.25N obtained near the substrate is shown in 
Figure 8. Lattice fringes are visible aligned with the substrate and oriented along the 001 
growth direction, in agreement with XRD scans. This confirms that the film grows 
epitaxially oriented cube-on-cube relative to the MgO substrate: (001)ZrAlN||(001)MgO and 
[001]ZrAlN||[001]MgO, Also visible is a speckled contrast, which I attribute to 
compositional variations within the Zr1-xAlxN film. 
A selected area electron diffraction pattern (SAED) pattern from the same area is 
shown in the inset of Figure 8. Each reflection is split into two distinct sets of spots 
corresponding to Zr0.75Al0.25N (inner spots) and MgO (outer spots), as labeled in the 
diffraction pattern. The observed four-fold symmetry of the diffracted spots from both the 
substrate and film are characteristic of cubic structures where the film grows with an 
epitaxial cube-on-cube orientation to the MgO substrate: (001)ZrAlN||(001)MgO and 
[001]ZrAlN||[001]MgO. The 002 peaks are positioned in agreement with the XRD results 
previously discussed. The 022 peaks are slightly misaligned with respect to the 
transmitted beam, confirming that the films are only partially relaxed, as found by HR-
RLM.  
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Figure 9a shows two nanobeam electron diffraction (NBD) patterns obtained from 
the centers of the Zr1-xAlxN  alloy films with x = 0.17 and x = 0.19. The fundamental 
Bragg reflections are labeled. For x = 0.19, faint, but discernable, satellite peaks are 
present oriented in the growth direction on the inner side of the primary reflections, but 
are absent from films with x < 0.17. Line profiles taken across the 020 peak, which are 
shown in the inset, reveal that the satellite peaks are 0.89  nm!! from the principal 
reflections, corresponding to a lattice modulation of 1.1 nm. This modulation is in good 
agreement with the speckled contrast modulation observed in the Z-contrast STEM image 
between the ZrN-rich areas and the AlN-rich areas as shown in Figure 9b. Previous 
studies report a nanoscale composition modulation in Ti1-xAlxN and Hf1-xAlxN with a 
characteristic length of 2.2 nm  [47] and 1.5 nm  [12], respectively. The smaller 
characteristic length observed in Zr1-xAlxN is due to the larger lattice mismatch between 
the two alloy components. 
The reduced elastic modulus E and hardness H values obtained from 
nanoindentation measurements performed on Zr1-xAlxN alloys for 0.01 < x < 0.25 are 
plotted in Figure 10. E decreases linearly with increasing AlN concentration from 
297±5.5 GPa (x = 0.01) to 248±2.9 GPa (x = 0.25). The introduction of Al into the cation 
sublattice disrupts nonbonding t2g states formed by overlapping 4d orbitals from 
neighboring Zr atoms. Consequentially, Zr 4d electrons become localized, the density of 
states decreases at the Fermi energy, and the overall bond character weakens, reducing 
the modulus. Additionally, E may also be understood to decrease with x due to changes 
in the degenerate electron gas pressure. For a simple free electron gas, the pressure is 
proportional to the carrier concentration n, which in turn renders E proportional to n5/3. 
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Thus, when group-III Al atoms with three electrons substitute for Zr with 4, the overall 
electron concentration decreases lowering the modulus. For polycrystalline Zr1-xAlxN 
alloys, an opposite behavior where E increases from 240 GPa to 280 GPa has been 
reported over the same range of x  [48]. For the same range in x, H increases from 22±1.0 
to 29±0.5 GPa by 30% at x = 0.18. H values measured here are in agreement with 
previously reported hardness values at 22.4 ±1.1 GPa for x = 0  [49] and 29.1±5.2 GPa at 
x = 0.25  [43].  
In Zr1-xAlxN alloys with x > 0.18, AlN-rich coherent phase domains precipitate 
from the matrix and self-organize. The nanoscale compositional modulation due to these 
AlN-rich domains is visible in alloys with x > 0.18 by both z-contrast STEM and NBED. 
Nanostructures of different forms have been reported in metastable Ti1-xAlxN and Hf1-
xAlxN alloys. While nanostructured columns are typical of Ti1-xAlxN alloys  [47], 
percolated networks, similar to the ones observed here for Zr1-xAlxN alloys, have also 
been reported for Hf1-xAlxN alloys [12]. For the latter alloy, the same investigators also 
reported the nanostructure appears at x = 0.23 [12]. The appearance of nanoscale 
compositional modulations at smaller AlN concentrations for Zr1-xAlxN alloys compared 
to Hf1-xAlxN alloys, is attributed to the larger miscibility gap of Zr1-xAlxN and to the low 
energy ion bombardment during deposition  [5]. The latter has been shown to increase the 
effective adatom mobility  [50] and to induce phase separation in Ti1-xAlxN alloys [42]. 
There has been no previous study reporting the AlN concentration x at which the 
nanostructure appears in the Ti1-xAlxN alloys. 
The formation of the nanostructure gives rise to remarkable hardness 
enhancement. The enhancement is attributed to the pinning of dislocations at coherent 
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domain interfaces where a large strain fields exist  [51]. In addition, due to the shear 
modulus mismatch between AlN-rich domains at the AlN-depleted ZrN matrix, 
dislocations in the domains must overcome repulsive image forces in order to be 
transmitted across boundaries  [52].  
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CHAPTER 7 
[Zr1-xAlxN (x=0.25)/ZrN]N SUPERLATTICES 
 
XRD θ–2θ scans of Zr0.75Al0.25N/ZrN superlattices with different periods Λ were 
acquired in the range 10° < 2θ < 110°. Figure 11 shows the region between 78° < 2θ < 
88° in detail. First order satellite reflections (m = -1) are visible below the fundamental 
Bragg peaks at θB. For an average film composition, the positions of the satellites with 
respect to the Bragg peak are given by  [53] [54]: 
 
sin θ±! = sin θ! ±mλ2Λ                                                                                                                                                                               (6) 
 
where λ is the X-ray wavelength, Λ is the compositional modulation period, and m is the 
order of the satellite reflection. From, the position of θ!! and θB, modulation periods Λ 
are calculated to be 2.3, 3.5, 4.6, 7.2, and 9.2 nm. 
 Assuming the variation of the atomic scattering factor ΔF  in the growth direction 
scales linearly with the difference of the atomic scattering factor F between the layers 
according to: 
ΔF = F!"# − F!"#$%2                                                                                                                                                                                   (7) 
 
the intensity ratio of the mth order satellite peak I±! to the fundamental reflection I! may 
be calculated  [55]: 
 
	   26	  
I±!I! = A!!4 Λd Δ!! ± Δ!! ∓ ΔF !                                                                                                                                   (8) 
 
where Λ is the composition modulation period and A! is the amplitude of the mth Fourier   
component describing the modulation. Because ZrN has a larger lattice constant and 
atomic scattering factor than Zr0.75Al0.25N, both Δ!! and ΔF terms contribute towards 
reducing the intensity of the positive satellite reflections. Indeed, the positive reflections 
are lowered below the detection limit of the instrument, such that the resulting strain ϵ! 
between layers, given by Equation 9a, approaches zero and the amplitudes A1 of the first 
Fourier component of the composition modulation are finite and given by equation 9b.  
 
ϵ! = ΔF R+ 1R+ 1 + R− 1 Λd                                                                                                                                                                     (9a) 
and 
A! = 2HΔF                                                                                                                                                                                                                                   (9b) 
 
where R = (I!/I!)!/!   and H = (I!/I!)!/! . Using equation 9b, the values of A1 
calculated and averaged from the 002 and 004 fundamental and m = -1 superlattice 
reflections are shown in Figure 12a as a function of Λ. The first Fourier components, 
which are a measure of interface roughness, vary from 0.03 (Λ = 2.3 nm) to 0.12 
(Λ = 9.2 nm). For comparison extremely sharp interfaces in epitaxial VNbN/NbN [16] 
and TiN/NbN [56] superlattices have values of A1 = 0.06 (Λ = 2 nm) through A1 = 0.5 (Λ 
= 10 nm). The increasing amplitude with Λ indicates constant ion-bombardment induced 
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displacement, suggesting that the resputtering phenomenon is a shallow effect. Figure 
12 is a typical x-ray reflectivity (XRR) scan for Zr0.75Al0.25N/ZrN superlattices with Λ = 
4.6. The critical angle, visible at α! ≈ 0.7, is the threshold below which x-rays are 
specularly reflected from the film’s surface without significant absorption or 
transmission. Because the superlattice density ρ is greater than that of the substrate, 
Kiessig fringes of order m are observed only at angles α!" > α!. The exact position of the 
fringes are related to Λ, by the in the modified Bragg equation  [57]: 
  
α!"! − α!! = m! λ2Λ !                                                                                                                                                                           (10) 
 
The Λ values measured from x-ray reflectivity (XRR) are identical to those obtained from 
the XRD θ–2θ scans. The few observable thickness fringes are consistent with the small 
values of A1 calculated using XRD θ–2θ scans. 
 H and E extracted from nanoindentation are plotted in figure 14b. Although H 
increases with decreasing superlattice period from 27 GPa (Λ = 9.2nm) to 29 GPa 
(Λ = 2.3nm), E remains invariant within the margin of error at 268 GPa. At isostress 
conditions, the elastic modulus of a composite lamellar structure E! is given by: 
 E! = V!E!!! + V!E!!! 
 
where E! and E! are the moduli of the component layers. Using the previously measured 
moduli for Zr0.75Al0.25N and ZrN, the ZrN volume fraction is calculated at 55%, 
indicating roughly equal partitioning of the constituent.  
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Below the Hall-Petch limit where grains’ sizes are much smaller than the 
equilibrium dislocation length, hardness enhancements are not due to dislocation pile 
up  [58].  Instead, coherency strain  [59], Koehler image repulsion  [52], and confined 
layer slip  [60] act as the primary mechanisms for strengthening of nanolaminates. These 
mechanism have been shown active for Ni-Cu superlattices theoretically  [61] and for 
TiN/NbN  [56] and TiN/VN  [14] superlattices experimentally. Here, I disregard 
coherency strain hardening due to the relatively small lattice mismatch and rough 
interfaces between layers. For image Koehler forces to contribute significantly towards 
strength enhancement, a large shear modulus mismatch R between the layers must exist: 
 R = µμ! − µμ!µμ! + µμ!                                                                                                                                                                                                           (14) 
 
where the µμ’s denote the shear moduli of the two layers such that µμ! > µμ! . Using ν = 0.25, µμ values of ZrN ~180 GPa and ZrAlN ~150 GPa, I find R = 0.09 for 
Z0.75rAl0.25N/ZrN superlattices. Other superlattice systems such as Ni/Cu and TiN/NbN 
typically exhibit higher values at RNi/Cu = 0.55  [52] and RTiN/NbN = 0.23  [56]. Koehler 
relates R directly to the critical resolved shear stress !! necessary to overcome repulsion 
through  [52]: 
 
σ! ≈ Rµμ!sinϕ8π                                                                                                                                                                                                     (15) 
 
where ϕ denotes the angle between the interface and the glide plane. A value of ϕ = 45° 
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is used by assuming slip occurs along the 100  direction with {110} active glide planes, 
as has been shown for (Ti,Al)N  [62]. σ! is calculated to equal 0.46 GPa. Estimating the 
H from σ!  using the common relation H ≈ 2.7σ!   [63] gives a negligible hardness 
enhancement of H = 1.23 GPa, a value within the measurement margin of error. Thus, 
Koehler image forces may be disregarded as well due to the small difference in shear 
modulus of the components.  
 The dominant factor contributing to the enhancement in strength is the operation of 
constricted Orowan-type dislocations  [60] within the ZrN layer. The Orowan model 
describing the mobility of dislocations pinned at interfaces, but able to bow within an 
active layer, relates the yield strength σ!" directly to the length of the layer normal to the 
slip plane h! by  [64]: 
 
σ!" ∝ lnαh!h! + c                                                                                                                                                                                              (16) 
 
where α is a cut off parameter-related length of the Burger’s vector and the size of the 
dislocation core, and c is a term accounting for secondary effects. Again, H is estimated 
from σ!"  [63]. The resulting fit is shown in Figure 14b along with the experimental data. 
At Λ  = 2.3 nm (h! =  3.25 nm), the hardness peaks with a maximum of 29 GPa 
(σ!" ≈ 10.8).  
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CHAPTER 8 
SUMMARY AND CONCLUSION 
 
I have deposited single-phase epitaxial metastable Zr1-xAlxN/MgO(001) (0.05 < x 
< 0.25) thin films and Zr1-xAlxN/ZrN(001) superlattices from a single Zr0.75Al0.25 target 
by reactive magnetron sputtering. While maintaining the ion-to-metal flux ratio constant 
at 8, the incorporation probability of AlN into the growing film was systematically 
controlled through the resputtering of deposited Al atoms (27 amu) by incident Ar+ ions 
(40 amu) by adjusting the energy from 5 to 55 eV. The dependence of the resputtering 
phenomenon on the host-atom matrix was investigated by comparing the current 
Zr1-xAlxN results to those obtained previously for Hf1-xAlxN. The transition through the 
threshold energy occurred more gradually and at higher energies for the lighter host Zr. 
Both features were attributed to the more efficient energy transfer between collisions 
involving similar.  
Using a combination of XRD θ-2θ scans, HR-RLM, and SAED, Zr1-xAlxN films 
were determined to be single-phase rock-salt structured and to grow epitaxially oriented 
cube-on-cube relative to the substrate, (001)Zr1-xAlxN||(001)MgO. Both relaxed lattice 
parameters and elastic modulus scaled approximately linearly with x, decreasing from 
0.459 nm (x = 0.05) to 0.450 nm (x = 0.25) and from 296.8 GPa to 263 GPa. For 
metastable Zr1-xAlxN films with x > 0.18, coherent percolated networks of AlN-rich 
domains are observed by Z-contrast STEM. The nanoscale compositional modulation is a 
result of spinodal decomposition, driven by the strong immiscibility of ZrN and AlN. 
NBED pattern showed that AlN-rich domains order with a lattice modulation period of 
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1.1 nm, in agreement with the Z-contrast STEM image. No nanostructure is observed for 
x < 0.18, indicating that the Al atoms are randomly dispersed on the cation sub-lattice. 
Film nanoindentation measurements reveal an increase in hardness by over 30% from 
23.3 to 28.6 GPa due to coherency-strain pinning and Koehler-force repulsion of 
dislocations associated with the nanostructure that forms for x > 0.18. 
Zr1-xAlxN/ZrN(001) superlattices with periods Λ varying from 2.3 to 9.2 nm were 
deposited by periodically switching the ion bombardment energy from 5 to 55 eV at 
different intervals while maintaining a constant duty cycle. When Λ ≈ 2.3 nm, hardness 
peaks at 29 GPa. This value is above the rule of mixtures for ZrN and AlN, but 
comparable to that of Zr0.75Al0.25N, indicating that the effect of superlattice hardening is 
weaker than that of the intrinsic spinodal nanostructure. The decrease in hardness with 
increasing bilayer period is attributed to bowing of dislocations within the lower moduli 
ZrN layers.   
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FIGURES	  	  
	  Figure	  1.	  Band	  character	  plot	  of	  t2g	  (left)	  and	  eg	  (right)	  states	  in	  ZrN	  
	  
	  	  Figure	  2.	  Ternary	  phase	  diagram	  for	  Zr-­‐Al-­‐N	  system	  	  Schuster	  J.C.,	  Bauer	  J.,	  Debuigne	  J.:	  "INVESTIGATION	  OF	  PHASE	  EQUILIBRIA	  RELATED	  TO	  FUSION	  REACTOR	  MATERIALS:	  I.	  THE	  TERNARY	  SYSTEM	  Zr-­‐Al-­‐N",	  J.	  Nucl.	  Mater.	  116	  (1983)	  131–135.	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Figure 3. AlN concentration as a function of ion energy Ei 
 
Figure 4. XRD θ-2θ for Zr1-xAlxN films as a function of x 
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Figure 5. XRD RLM of the 002 film and substrate reflections 
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Figure 7. Low magnification cross-section TEM of Zr0.75Al0.25N interface (left). High 





Figure 8. NBED pattern of Zr1-xAlxN 002 and 004 film reflection for x = 0.17 and 0.19 
(left). Line profiles taken across the 002 reflection shows the appearance of a satellite 
peak for x > 0.19. 
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Figure 10. Cross sectional transmission electron micrograph of ZrAlN/ZrN SL (left) and 
XRD θ-2θ scans for ZrAlN/ZrN SLs grown with varying bilayer period (right). 
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Figure 11. First fourier component of the compositional modulation amplitude A1, (top 
left), elastic modulus E (bottom left), and hardness H (right) as a function of superlattice 
bilayer period. 
 
Figure 12. X-ray reflectivity scan for ZrAlN/ZrN superlattice 
